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a b s t r a c t
The effect of extensive grain reﬁnement through equal-channel angular processing (ECAP) at 300 1C on
the mechanical properties was examined in a Zr-modiﬁed 5083 aluminum alloy. It was shown that any
increase in the yield stress (YS) by increasing the number of pressings was attributed to additional
contributions from three strengthening mechanisms: (i) grain boundary strengthening related to the
size of the crystallites bounded by deformation-induced high-angle boundaries (HAB), (ii) dislocation
strengthening related to highly increased dislocation density and (iii) solute strengthening related to
promoting dynamic strain aging (DSA) by intense plastic straining. Grain size strengthening is the
primary contributor to the increase in the YS as a result of ECAP. Dislocation strengthening plays an
important but minor role in strengthening the alloy after ECAP. No ECAP effect on the dispersion
strengthening was observed. However, a dispersion of nanoparticles was found to cause an increase in
the YS through grain reﬁnement and the accumulation of lattice dislocations during ECAP. It was found
that the deformation-induced low angle boundaries (LABs) play an insigniﬁcant role in the strengthen-
ing of the material.
& 2014 Elsevier B.V. All rights reserved.
1. Introduction
Non-age-hardenable Al–Mg alloys are widely used due to their
good weldability, ductility, toughness, formability and high levels
of corrosion resistance [1]. However, annealed versions of these
alloys exhibit low yield stresses (YS) ranging from 90 to 160 MPa,
depending on the Mg content [1,2]. Al–Mg alloys can be strength-
ened by cold working, which results in a signiﬁcant increase to the
YS and the ultimate tensile strength (UTS), by as much as a factor
of 1.5–3 [1,2]. Increasing the Mg content enhances the efﬁciency of
the strain hardening process, and Al–6% Mg alloys have been
shown to exhibit a YS exceeding 400 MPa in a fully hardened
condition [1,2]. However, any increase in the YS due to strain
hardening is obtained at the expense of ductility [1]. The other
approach taken to increase the strength of Al–Mg alloys and retain
essential ductility consists of forming ultra-ﬁne grained (UFG)
structures using equal-channel angular pressing (ECAP) [3–9]. YS
and UTS values of approximately 400 and 420 MPa, respectively,
along with a ductility of 9% can be attained in 5XXX series
aluminum alloys with Mg contents ranging from 1.5% to 3% using
ECAP to an effective strain of 8 at temperatures ranging from 20
to 200 1C [3–9]. This processing is more effective compared to
convention strain hardening and may provide a 50% increase to
the YS and UTS compared to coarse grained (CG) reference
materials with an H38 (full hardening and ﬁnal stabilization at
140 1C) temper [6].
The origin of the increased strength in materials with an UFG
structure as a result of ECAP is still a subject of debate. It was
assumed [10,11] that this increase could be attributed to grain size
strengthening via the well-known Hall–Petch relationship [1,2]:
σy ¼ σ0þkyd1=2; ð1Þ
where σ0 and ky are experimentally determined constants. How-
ever, for Al–Mg alloys, the Hall–Petch slope for the YS ranges from
0.15 to 0.26 MPa m1/2 and is dependent on the Mg and Mn
contents [12,13]. This value is slightly higher than for aluminum
and other aluminum alloys, in which ky typically ranges from 0.06
to 0.15 MPa m1/2, but is much smaller than observed in steels.
Thus, grain size strengthening in Al–Mg alloys is not very efﬁ-
ciency. Therefore, extensive grain reﬁnement cannot provide
substantial increases to the YS [3–9]. A very high YS ranging from
750 to 900 MPa was recently attained in Al–Mg alloys through
high pressure torsion by achieving a grain size of 100 nm [14,15].
These high YS values strongly deviate from the traditional Hall–
Petch relationship (Eq. (1)). The authors [14] suggest an alternative
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explanation for the effect of the grain size on the YS in an Al–Mg–
Sc alloy. It is worth noting that ECAP performed at Tr200 1C leads
to a reduction in the ductility [5–9], which is generally less than
that observed when using such techniques as rolling, which is
commonly employed to process hardened Al–Mg alloys [1,2,4].
The formation of UFG structures in Al–Mg alloys through
intense plastic straining is accompanied by several processes in
addition to grain reﬁnement [3,4,16–18]. First, a many-fold
increase in the lattice dislocation density takes place [5–9,16].
However, few attempts have been made to explain the high YS in
Al–Mg alloys subjected to ECAP by examining the role of deforma-
tion strengthening. This may be attributed to the fact that experi-
mental evaluations into the dislocation density for UFG structures
are very limited [9] and, moreover, have been performed using X-
ray techniques. It is apparent that the estimation of the effect of
grain size on the YS in Al–Mg alloys containing dislocations
densities greater than ρ1014 m2 without the contribution of
deformation strengthening provides an overestimation of the ky
value. Secondly, the inspection of the experimental data [5,6,16,17]
shows that the deformation structure consists mainly of elongated
domains that are entirely or partially delimited by low-angle
boundaries (LABs) and, therefore, are not considered to be grain
boundaries [19,20]. Limited grain boundary statistics are available
for Al–Mg alloys in which the Hall–Petch relationship was exam-
ined [16]. Thus pure information on the dislocation density and
misorientations of deformation-induced boundaries preclude the
interpretation of the high strength in Al–Mg alloys subjected to
ECAP in terms of the additive contribution of the grain size
strengthening and dislocation strengthening where the role of
dislocation density stored in LABs was taken into account [11,21].
The main aim of this work is to analyze the strengthening
mechanisms in an Al–Mg–Zr alloy subjected to ECAP at 300 1C. The
dislocation structure and grain boundary statistics of this alloy are
reported in a companion article [18] in greater detail. This article
focuses on the effect of ECAP on the mechanical properties. The
second goal of this study is to reveal the role of second phase
particles in the strengthening resulting from intense plastic
straining. For this purpose, the effect of ECAP on the mechanical
properties was considered for a Zr-modiﬁed AA5083 alloy in two
different conditions distinguished by different dispersions of the
Al6Mn phase.
2. Experimental
A Zr-modiﬁed commercial AA5083 alloy with a chemical
composition of Al–5.4% Mg–0.5% Mn–0.1% Zr–0.12% Si–0.014% Fe
(wt%) was fabricated by direct chill casting with a solidiﬁcation
rate of 100 K/s [18]. The ingots were then subjected to a homo-
genization annealing (HA) treatment at 360 1C for 6 h [18] with the
ﬁnal alloy designated as AA5083ZrHA1. Half of the solution treated
samples were annealed again at 500 1C for 12 h [18]. This alloy was
designated as AA5083ZrHA2. Next, both ingots were machined
into billets with a square cross-section of 2020 mm2 and
100 mm in length. These billets were subjected to ECAP at
300 1C for true strains of 1, 2, 4, 8 and 12 via route BC [4], at
which a sample is rotated by 901 between each passes around
pressing direction. The isothermal ECAP die had a square cross-
section of 2020 mm2 and intersection angle of 901. The pressing
speed was 3 mm/s. Finally, the pressed samples were water
quenched.
The tensile tests at room temperature were conducted at a
constant crosshead velocity corresponding to a nominal strain rate
of 103 s1 using an Instron 5882 universal testing machine.
Tensile samples with a 35 mm gauge length and a 73 mm2
cross-sectional area were cut along the pressing direction. These
specimen surfaces were mechanically polished to prevent the
formation of surface defects and to achieve a uniform thickness.
The fracture surfaces were examined using an FEI Quanta 200 3D
scanning electron microscope. Other material and processing
details were reported in previous work [18].
3. Results
3.1. Deformation structure
ECAP of the alloy led to the formation of new ﬁne grains [18].
Deformation structures in two material conditions were distinctly
different. At ε12, in the AA5083ZrHA1 alloy, the fully recrystal-
lized structure consisted of ultra-ﬁne grains with an average size
of 0.95 mm, while in the AA5083ZrHA2, recrystallized structure
consisted of ﬁne grains with an average size of 1 mm and coarse
grains with an average size of 4 mm. Tables 1 and 2 summarize
the microstructural characteristics of the AA5083Zr alloy over two
conditions [18]. The main difference in the distribution of the
secondary-phase particles between the two material conditions are
the dispersion of the Al6Mn phase [18]. In the AA5083ZrHA1 alloy, the
secondary-phase particles have an average diameter of 25 nm and
the Zr is retained within the supersaturated solid solution [18]. The
AA5083ZrHA2 alloy contains coarse, plate-like Al6Mn particles with
average dimensions of 150 nm and 60 nm in the longitudinal and
transversal directions, respectively [18].
3.2. Mechanical properties
The engineering stress–strain curves for the AA5083Zr alloy,
including the YS (σ0.2), UTS (σB) and total elongation-to-failure (δ)
are presented in Fig. 1 and Tables 3 and 4. The ﬂow stress tends to
increase and the strain hardening decreases with an increasing
number of pressings for both material conditions (as seen in Fig. 1
and Tables 3 and 4). However, even at ε12, strain hardening
Table 2
Microstructural characteristics of the AA5083ZrHA2.
Material condition Mean
diameter of
Al6Mn
particles
(nm)
Volume
fraction of
Al6Mn
particles (%)
Boundary
distance (mm)
Dislocation
density
(m2)
HA1 100 2.5 250 1012
ECAP 1 pass 100 2.5 136 (6) 4.91013
ECAP 2 passes 100 2.5 57 (6.6) 4.61013
ECAP 4 passes 100 2.5 26 (2) 3.91013
ECAP 8 passes 100 2.5 7 (1.8) 3.81013
ECAP 12 passes 100 2.5 3.6 (2) 3.81013
Table 1
Microstructural characteristics of the AA5083ZrHA1.
Material condition Mean
diameter of
Al6Mn
particles
(nm)
Volume
fraction of
Al6Mn
particles (%)
Boundary
distance (mm)
Dislocation
density
(m2)
HA1 25 2.5 250 1012
ECAP 1 pass 25 2.5 135 (5.8) 1.31014
ECAP 2 passes 24 2.5 63 (4) 1.21014
ECAP 4 passes 24 2.5 17 (1.5) 1.51014
ECAP 8 passes 22 2.5 3 (1.2) 81013
ECAP 12 passes 22 2.5 1.5 (1) 7.71013
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(represented by the UTS/YS ratio, as seen in Tables 3 and 4) is retained
at sufﬁciently high levels to prevent instability in the plastic ﬂow. As a
result, the alloy exhibits high ductility after intense plastic straining
over all the conditions (see Fig. 1 and Tables 3 and 4). In the initial
condition, the YS in the both material conditions were the same. For
the AA5083ZrHA1 alloy, the increases to both the YS and UTS values
were higher after all passes than for the AA5083ZrHA2 alloy (see
Tables 3 and 4). Therefore, the hardening of the AA5083Zr alloy
containing a dispersion of round nanoparticles of the Al6Mn phase
subjected to ECAP is more effective than for the alloy containing
coarser, plate-like Al6Mn phase particles.
The transition from smooth to serrated ﬂow via repeating
oscillations in the stress–strain curves took place as the number
of ECAP passes increased (see Fig. 1). The jerky ﬂow phenomenon
is generally associated with the Portevin-Le Chatelier (PLC) effect
that is attributed to dynamic strain aging (DSA) [22–26]. After a
second pressing, the so-called type A serrations were distin-
guished as an abrupt rise in the stress followed by a drop to or a
drop below the general level of ﬂow stress on the σ–ε curves for
both material conditions. The critical strain, at which the serra-
tions on the stress–strain curve appear [23–26], decreases with
the strain. At εZ4, jerky ﬂow takes place immediately after
reaching the yield point (see Fig. 1). In addition, the gradual
transition from type A to the complex types CþA and AþB took
place in the AA5083ZrHA1 and AA5083ZrHA2 alloys, respectively
(see Fig. 1) [22–26]. Therefore, intense plastic straining induces the
appearance of DSA and affects type of the PLC effect.
3.3. Fractography after tension
Transgranular dimple rupture is the main fracture mode observed
for both material conditions (see Fig. 2). However, there is a difference
in the sizes of the dimples and their distribution on the fracture
surface. In the AA5083ZrHA1 alloy at ε1, very ﬁne dimples having a
well-deﬁned conical shape were observed on the fracture surface (see
Fig. 2a). No secondary phase particles were observed on the bottom of
these dimples. The fracture surface does not change signiﬁcantly with
number pressing up to ε4. At ε12, a non-uniform distribution of
dimple sizes was observed (see Fig. 2b). Coarse and deep dimples
alternated with very ﬁne dimples, indicating the activation of a limited
number of nucleation sites. In the samples subjected to extensive
deformation, the adjacent microvoids may coalesce and grow to a
larger size in some areas. However, the overall grain matrix remained
ductile.
In the AA5083ZrHA2 alloy at ε1, the fracture surface exhibits
various dimple sizes (see Fig. 2c). An increase in the number of
pressings (in this case to 4) resulted in an increase in the amount
of non-uniformities. A minor portion of the coarse microvoids
nucleate at the grain boundaries (see Fig. 2d). However, transgra-
nular rupture is the dominant facture characteristic. At ε12, the
coarse particles of the secondary phases are observed on the
bottom of the conically shaped coarse dimples (see Fig. 2e). It is
apparent that decohesion of coarse particles initiates microvoid
coalescence and leads to the formation of conically shaped coarse
dimples. Thus, the effect of ECAP on the fracture behavior under
tension is insigniﬁcant. The material for both conditions remains
ductile after any prior processing. Therefore, the ductility of the
AA5083Zr alloy in both conditions is attributed to strain hardening
behavior.
4. Discussion
Inspection of the experimental results showed than an increase
in the YS of the AA5083Zr alloy due to the intense plastic straining
could be associated with the three mechanisms that contribute to
Fig. 1. Typical deformation diagrams for (a) the AA5083ZrHA1 and (b) the AA5083ZrHA2 under different conditions.
Table 3
Mechanical properties of the AA5083ZrHA1.
Material
condition
Tensile properties in the pressing direction
Yield stress
(MPa)
Ultimate tensile strength
(MPa)
Ductility
(%)
HA1 125 280 27
ECAP 1 pass 180 310 28
ECAP 2 passes 200 325 32
ECAP 4 passes 230 355 29
ECAP 8 passes 285 390 28
ECAP 12 passes 335 415 24
Table 4
Mechanical properties of the AA5083ZrHA2.
Material
condition
Tensile properties in the pressing direction
Yield stress
(MPa)
Ultimate tensile strength
(MPa)
Ductility
(%)
HA2 125 310 21
ECAP 1 pass 160 310 24
ECAP 2 passes 185 320 28
ECAP 4 passes 220 345 24
ECAP 8 passes 255 375 23
ECAP 12 passes 270 380 26
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the overall strength: (i) grain boundary strengthening, which is
related to the distance between the HABs or LABs for moderate
degrees of misorientation [21], which are impenetrable obstacles
to gliding dislocations, (ii) dislocation strengthening related to the
high dislocation density within grains and (sub)grains and (iii) a
type of solid solution hardening related to DSA [22–27]. Dispersion
hardening is not related to the increase in the YS because ECAP
was not found to have any effect on the dispersions of the
secondary phases (see Tables 1 and 2). However, the dispersion
of the Al6Mn phase affects the contribution of the aforementioned
strengthening mechanisms on the overall YS of the AA5083Zr alloy
after pressing.
It is assumed that these strength contributions are linearly
additive [21,28]. Therefore, the total YS of the AA5083Zr alloy for
the two different conditions can be expressed as
σ ¼ σ0þσpþσDSAþσdþσGB; ð2Þ
where σ0 is the resistance to dislocation glide within grains, σp is
the dispersion strengthening, σd is the deformation strengthening,
σGB is grain boundary strengthening and σDSA is additional
frictional resistance due to DSA. The contributions from these
strengthening mechanisms will be analyzed separately.
In Al–Mg alloys, the friction resistance is believed to be
dominated by a general type of solid solution strengthening that
is attributed to the interaction between mobile dislocations and
stationary solute atoms [29]. This ﬁrst type of solid solution
strengthening is controlled by the magnesium solute content,
which is estimated to be 100 MPa for 5 wt% Mg at ambient
temperatures [29,30]. In this study, no evidence was observed to
indicate the precipitation of the Mg-containing second-phase
particles during ECAP. Therefore, σ0 is independent of the number
of pressings provides no contribution to the increase in the YS
with additional strain (see Tables 5 and 6). It is worth noting that
the Mn solute atoms may also contribute to the solid solution
Fig. 2. SEM micrographs illustrating the fracture surfaces of tensile specimens: AA5083ZrHA1 exposed to (a) 1 and (b) 12 ECAP passes and AA5083ZrHA2 exposed to (c) 1,
(d) 4 and (e) ECAP 12 passes, respectively.
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strengthening [29]. However, the volume fraction of the Al6Mn
phase (see Table 1) is indicative of a very small portion of the Mn
solute being retained in the aluminum solid solution, as is very
little as observed in other Al–Mg–Mn alloys [30]. Thus, the effect
of the Mn solute on the solid solution strengthening was
disregarded.
The majority of the Mn content in the AA5083 alloy for both
conditions is contained within the precipitates at the incoherent
interfaces that act as obstacles to dislocation motion [29]. The
precipitation strengthening is associated only with Orowan bow-
ing and can be estimated from [30]
σp ¼ ð3:1Þð0:84ÞGb=λ; ð3Þ
where λ is the inter-particle spacing. The contribution of disper-
sion hardening associated with the plate-like shaped Al6Mn
particles in the AA5083ZrHA2 alloy is very small (see Table 6). In
the AA5083ZrHA1 alloy, the contribution of dispersion hardening
associated with the Al6Mn nanoscale dispersoids having round
shape is higher by a factor of 4 (see Table 5). However, this σp
value is low compared to the contributions from the other
strengthening mechanisms in accordance with Eq. (2).
The contribution of the second type of solid solution strength-
ening mechanism, which is associated with the formation of
clusters of Mg solute atoms on the lattice dislocations that requires
extra force to ensure dislocation glide, was calculated using the
approach described by Kang et al. [27]. The solid solution
strengthening contribution from the DSA is considered to be equal
to the stress drop size on the stress–strain curves
σDSA  σdrop; ð4Þ
where σdrop is a maximum drop stress observed on the stress–
strain curve (see Fig. 1). This contribution was taken into account
only after 2, 4, 8 and 12 ECAP passes because no DSA phenomenon
were observed in the initial material conditions and after the ﬁrst
pressing. The results in Tables 5 and 6 show that the DSA
contribution to the overall strength is negligible.
The conventional Hall–Petch relationship used to describe
grain-boundary strengthening was
σGB ¼ kyd1=2GB ; ð5Þ
where dG denotes the mean grain size. In the present calculations,
the authors used all the HABs and dG was calculated to be the
average distance between any HABs. The Hall–Petch slope, ky [11]
was found to be 0.22 MPa m1/2 for all the material conditions (see
Fig. 3). Therefore, the dispersion of Al6Mn-phase has no effect on
the sensitivity of the YS to the grain size. Tables 5 and 6 show that
grain size strengthening plays a major role in the increase of the
YS at strains of ε44 for both material conditions. For the
AA5083ZrHA1 alloy, the grain size strengthening is greater than
for the other material condition at ε42. Therefore, a ﬁne disper-
sion of Al6Mn nanoscale dispersoids promoting grain reﬁnement
[18] allows a greater YS to be obtained for the AA5083Zr alloy
using ECAP.
The dislocation strengthening is described by [21,31]
σd ¼MαGbρ1=2; ð6Þ
where ρ is dislocation forest density (Tables 1 and 2). During
intense plastic deformation at low temperature in aluminum
alloys, the microstructure separated into crystallites at LABs that
may also contribute to dislocation strengthening. Based on this, an
expanded version of Eq. (6) was written as [21]
σd ¼MαGbðρoþρLABsÞ1=2; ð7Þ
where M is the average Taylor factor from the texture data (taken
to be 3.06 for a random texture), α is a constant (E0.24), G is the
shear modulus of aluminum (25,400 MPa), b is the Burgers vector
(0.286 nm), ρo is dislocation forest density (see Tables 1 and 2) and
ρLABs is the dislocation density stored in the LABs, which are
capable of being penetrated by gliding dislocations [3,24,29]. The
ρLABs values were calculated using [3,21,31]
ρLABs ¼
3θLABs
bdLABs
; ð8Þ
where θLABs is the misorientation of the aforementioned disloca-
tion boundaries (1.71), dLABs is the average distance between the
LABs with an average misorientation of o21 and 2–31, which are
calculated from the TEM and EBSD data, respectively [18], and
added together [29]. Finally, the deformation strengthening was
calculated separately using Eq. (6) by taking into account only the
Table 5
Contribution of strengthening mechanisms in the AA5083ZrHA1.
Material condition Calculated strengthening (MPa) Experimental yield stress (MPa)
Solid-solution Precipitation DSA Dislocation Grain-boundary Total
HA1 100 8 – 5 14 127 125
ECAP 1 pass 100 8 – 61 (146) 19 (91) 187 (345) 180
ECAP 2 passes 100 8 7 58 (145) 28 (110) 202 (371) 200
ECAP 4 passes 100 8 13 65 (148) 53 (180) 240 (449) 230
ECAP 8 passes 100 9 16 48 (141) 127 (201) 300 (467) 285
ECAP 12 passes 100 9 25 47 (141) 180 (220) 361 (495) 335
Table 6
Contribution of strengthening mechanisms in the AA5083ZrHA2.
Material condition Calculated strengthening (MPa) Experimental yield stress (MPa)
Solid-solution Precipitation DSA Dislocation Grain-boundary Total
HA2 100 2 – 5 14 121 125
ECAP 1 pass 100 2 – 37 (153) 19 (90) 158 (345) 160
ECAP 2 passes 100 2 5 36 (153) 29 (86) 172 (346) 185
ECAP 4 passes 100 2 13 33 (152) 43 (156) 191 (423) 220
ECAP 8 passes 100 2 18 33 (152) 83 (164) 236 (436) 255
ECAP 12 passes 100 2 26 33 (152) 116 (169) 277 (449) 270
S. Malopheyev, R. Kaibyshev / Materials Science & Engineering A 620 (2015) 246–252250
forest dislocation density and using Eq. (7) by taking into account
both the forest dislocation density and the density of dislocations
stored in the LABs with a misorientation of r31. Tables 5 and 6
show that the last approach (the conformable values are presented
in brackets) gave an overestimation for both material conditions
and Eq. (6) provided a good match between the calculation and
the experiments. Therefore, there is a signiﬁcant difference
between the role of LABs with a low misorientation induced by
warm deformation and cold deformation [21,31]. This difference
was caused by the fact that during warm working, the
deformation-induced LABs easily acquire a regular dislocation
structure through dislocation short-range climbing [32] and could
be considered to be sub-boundaries [18]. This process eliminates
or highly decreased the long-range stress ﬁelds that originate from
these boundaries [18,32]. As a result, deformation-induced sub-
boundaries cannot contribute to deformation strengthening. In
contrast, during cold working [21,31], the deformation-induced
LABs retain their irregular dislocation structure and the long-range
stress ﬁelds provide a signiﬁcant contribution to the overall
dislocation strengthening. Tables 5 and 6 show that deformation
strengthening associated with the forest dislocation density plays
a major role in the increase of the YS during the ﬁrst and second
ECAP pressings. For the AA5083ZrHA1 alloy, Al6Mn nanoscale
dispersoids promote the accumulation of the high dislocation
density and, therefore, increased contribution of deformation
strengthening to overall YS (Tables 1 and 2) [18].
It was shown [21] that LABs with misorientation angles greater
than 31 act as conventional grain boundaries in terms of their
strength contribution. To evaluate the effect of sub-boundary
formation on the YS, the grain boundary strengthening originating
from these LABs was calculated using Eq. (5), in which dGB was
taken to be the mean distance between any boundaries with a
misorientation Z31. These dGB values were taken from the
misorientation maps [18] (see Tables 1 and 2 where the conform-
able values are presented in brackets). The calculations based on
this well adopted concept [21] provide a distinct overestimation
based on the experimental data (see Tables 5 and 6 where the
conformable values are presented in brackets). The overestimated
values of the grain boundary strengthening indicates that the LABs
with misorientations greater than or less than 31 do not contribute
to this type of strengthening [21,31]. It is obvious that this is the
other important difference between LABs induced by deformation
at room temperature in Al [21] and at 300 1C in the AA5083Zr alloy
[18] from a mechanical behavior point of view. It appeared that
sub-boundaries containing even moderate amounts of misorienta-
tion within the regular dislocation structure [18] are essentially
transparent to gliding dislocations.
Thus, in the AA5083Zr alloy, the increase in the YS resulting
from ECAP at an intermediate temperature was caused by the
formation of new HABs and the increase in the dislocation density
within sub-grains and/or grains. In contrast in the aluminum [21]
and Al–Mg alloys [5–9] subjected to intense plastic straining at
low temperatures the increase in the YS is attributed to the
formation of new boundaries with misorientations Z31. Cold
working results in the formation of LABs with irregular dislocation
structures in Al–Mg alloys [16], and these boundaries can con-
tribute to deformation strengthening and grain size strengthening,
concurrently. This is why the YS values of the AA5083Zr alloy
subjected to ECAP at 300 1C over both conditions were slightly less
than that of the Al–Mg alloy subjected to ECAP at temperatures
ranging from 20 to 200 1C despite a higher Mg content [3–9].
Therefore, for cold worked aluminum alloys, the exact character-
istics of the deformation-induced boundary assembly are not so
important to the determination of mechanical properties. Cold
working provides greater increases to the YS for Al–Mg alloys
[14,15] that can be predicted from the Hall–Petch relationship due
to the fact that deformation-induced LABs play an important role
in strengthening. Warm working provides a moderate increase to
the YS because only HABs and forest dislocations can contribute to
the overall increase in the strength. However, the ductility of the
warm-worked alloy was two to three times higher than cold-
worked alloys [3–9]. Therefore, the Al–Mg–Zr alloy subjected to
extensive warm working provides a balanced combination of
strength and ductility [33]. The optimization of the dispersion of
secondary phase particles may increase the YS resulting from a
warm ECAP process.
5. Conclusions
In this work, we examined the effect of extensive grain
reﬁnement on the mechanical properties of a Zr-modiﬁed 5083
aluminum alloy that was subjected to two different types of
homogenization annealing followed by ECAP at 300 1C at strains
of up to ε12. The primary conclusions from this work can be
summarized as follows:
1) ECAP at 300 1C and ε12 for an alloy containing a nanoscale
Al6Mn dispersoids provided an increase of 168% and 48% to the
YS and UTS, respectively, due to the extensive grain reﬁnement.
The effect of the same processing on the properties of the alloy
containing coarse, plate-like shaped Al6Mn particles resulted in
an increase of 116% and 23% for the YS and UTS, respectively.
Both alloys exhibited high ductility.
Fig. 3. Experimental yield strength-boundary spacing relationship for (a) the AA5083ZrHA1 and (b) the AA5083ZrHA2 under different conditions.
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2) The Hall–Petch analysis showed that grain size strengthening
corresponding to a slope of kyE0.22 MPa m1/2 played a major
role in the strengthening provided by ECAP after 4 passes. At
moderate strains, the deformation strengthening is the main
contributor to the overall increase in strength.
3) Increases in the strength of the alloy as a result of the ECAP
process were attributed to the formation of high-angle grain
boundaries and forest dislocations within the grains and sub-
grains. No effect was observed from deformation-induced sub-
boundaries for either boundary or dislocation strengthening.
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